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1. Introduction
One of the main points in studying mechanical alloying
(MA) is finding out microscopic mechanisms of solid
state reactions (SSRs), in particular, those of forming
supersaturated solid solutions. In other words, what do
we imply by the term “deformation atomic mixing”?
It is also necessary to find out the major factors deter-
mining the SSRs kinetics. Appropriate model systems
for such an investigation are binary powder mixtures
of Fe with sp-elements (M) such as C, B, Al, Si, Ge,
Sn. The ratio of the covalent radii RM/RFe changes in a
wide range from 0.66 (C) to 1.21 (Sn). The equilibrium
phase diagrams of the Fe-M alloys are characterized by
different types: with actual absence of solubility of the
M atoms in α-Fe (Fe-C and Fe-B), with low solubility
(Fe-Sn) and broad concentration range of solid solu-
tions (Fe-Al, Fe-Si, Fe-Ge). MA in these Fe-M systems
has attracted the attention of many research teams over
the last 15 years. A detailed analysis of the data pub-
lished is presented in our papers [1–11]. In general, one
can ascertain that MA is proceeded by the formation of
laminar structure with characteristic sizes of 1–10 µm
(see, e.g. [12, 13]). However, detailed comparisons of
the mechanisms and kinetics of MA in the Fe-M sys-
tems on the basis of the earlier published data are not
possible for the following reasons:

(i) MA was carried out under different conditions:
the material of grinding tools, power intensity of milling
devices. The latter characteristic has not been presented
as a rule;
(ii) There are considerable differences in the results

published.

In the present work, we have classified the results of
our investigation of the mechanisms and kinetics of
MA in the Fe-M systems under equal conditions of
treatment in a mill with the known power intensity and
controlled levels of contamination and heating of the
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samples studied. The results of other authors have been
taken into account as well.

2. Experimental
For MA, mixtures of pure Fe (99.99) and sp-elements
(99.99) powders with particle size less than 300 µm
were used. MA was carried out in an inert atmosphere
(Ar) in a planetary ball mill Fritsch P-7 with a power in-
tensity 2.0 W/g. For each given mechanical treatment
time the mass of the loaded sample was 10 g. With
the given power intensity the time of mechanical treat-
ment of 1 h corresponds to the dose of 7 kJ/g. Using
air forced-cooling, the heating of the vials, balls and
sample did not exceed 60◦C. The milling tools—vials
(volume 45 cm3) and balls (20, diameter 10 mm) were
made of hardened steel containing 1 wt% C and 1.5 wt%
Cr. Possible contamination of the sample by material
from the milling tools was monitored by the measure-
ment of the powder, vial and ball mass before and after
treatment. X-ray diffractometer with Cu Kα monochro-
matized radiation was used for X-ray examinations of
samples. Phase composition was determined from X-
ray diffraction (XRD) patterns using Rietveld method.
The crystallite size (〈L〉) and microstrains (〈ε2〉1/2)
were calculated from peak profile analysis using the
Voigt function. Room-temperature Mössbauer investi-
gations were carried out with a conventional constant
acceleration spectrometer and 57Co(Cr) source. To es-
timate the size of the powder particles after MA an
Auger spectrometer in secondary-electron microscopy
mode image was used. For all the systems studied the
particles size after MA was in the range of 5–20 µm.

3. Results and discussion
3.1. Milling of pure Fe
Under the given conditions we showed in [14] that with
the milling time tmil = 1 h the grain size in α-Fe parti-
cles 〈L〉 = 13 nm. On increasing the tmil up to 16 h 〈L〉
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decreases to 9 nm, and the bcc lattice parameter of α-Fe
increases to 0.2869 nm. In [14] the concept of interface
regions is introduced, which include the boundary and
close-to-boundary distorted zones. The width of inter-
faces (d) can be estimated, according to [15, 16], as
1 nm. With 〈L〉 = 9 nm the volume fraction of inter-
faces ( fif) is ∼15%. Supposing that in the body of the
grain the bcc lattice parameter is equal to 0.2866 nm, we
obtain the average lattice parameter in distorted zone
of interfaces 0.2887 nm, i.e. almost by 1% more than
in typical α-Fe. The existence of the distorted zones is
confirmed by symmetrical broadening by 20% of the
lines of the Mössbauer spectrum (MS) of the milled
α-Fe without emergence of any new components in the
spectrum.

3.2. Mechanical alloying of Fe-C and Fe-B
Carbon and boron practically do not dissolve in α-
Fe, their covalent radii are much less than that of Fe:
RC/RFe = 0.66 and RB/RFe = 0.75. It was estab-
lished [7, 8, 12, 17] that in the C concentration range
0 < x ≤ 25 at.% in the initial mixture there was a crit-
ical concentration x = 17 at.% at which the change of
the type of SSRs in MA took place. In [5, 8] we found
the following types of SSRs with x ≥ 17 at.% C.

17 ≤ x < 25, Fe + C → Fe + Am(Fe - C)

→ Fe + Am(Fe - C) + (Fe3C)D;

x = 25, Fe + C → Fe

+ Am(Fe - C) → (Fe3C)D,

where Am(Fe-C) designates the amorphous Fe-C phase
the concentration of C in which is close to 25 at.%;
(Fe3C)D designates distorted cementite. All of these
SSRs take place after reaching the nanocrystalline state
in the α-Fe particles (〈L〉<10 nm). The estimates of the
Am(Fe-C) phase amount showed [5–8] that it formed
in the interfaces of the α-Fe nanostructure. The given
SSRs types with x ≥ 17 agree with the data published
earlier in [12, 18, 19]. However, they differ from the re-
sults of [17, 20] in which, along with cementite, hexag-
onal carbides were found, and from [21, 22] in which
only cementite as the first MA stage was found to be
formed.

Controversial results were obtained for a single-stage
process of MA as well with x < 17 at.% C: hexago-
nal carbides [17], interstitial solid solution [23] and
amorphous Fe-C phase [7, 8, 11]. Consider in detail the
process of MA with the C concentration in the initial
mixture x = 15 at.% [11]. In the XRD patterns, broad-
ened bcc reflections are revealed, which positions do
not change as tmil increases and correspond to those of
the α-Fe lines. The grain size decreases from 100 nm
for the initial powder to 6 nm at tmil = 1 h and 3 nm
at tmil = 16 h. Besides at the base of (110) peak there
is a considerable increase of intensity, which is simi-
lar to the contribution from the first peak of the amor-
phous phase. In the MS and hyperfine magnetic field
(HFMF) distribution functions P(H) besides the com-
ponent attributed to pure α-Fe (H = 330 kOe) there

is a component with broad distribution of HFMF from
50 to 330 kOe. It is obvious that the given component
corresponds to the Am(Fe-C) phase which produced
“halo” in XRD patterns. The known concentration de-
pendence of the average value of HFMF for amorphous
Fe-C films [24] allowed us to estimate the C concentra-
tion in the Am(Fe-C) phase as equal to ∼25 at.% C. The
average grain size calculated from XRD patterns and
the amount of the amorphous Am(Fe-C) phase ( fAm)
in the process of MA calculated from the MS are given
in Fig. 1. Comparing the dependences fAm(tmil) and
〈L〉(tmil) one can draw the conclusion that SSR of the
amorphous phase formation takes place on condition of
nanocrystalline state realization in the α-Fe particles.
The atomic fraction of the Am(Fe-C) phase increases
from 0.15 (tmil = 1 h) to 0.67 (tmil = 16 h). To ac-
count for the amorphous phase amount, the conception
on the existence of interfaces is applied. Fig. 1b gives
the calculated dependence of the volume fraction of the
interfaces fif(tmil) according to the obtained grain sizes
(Fig. 1a), the given interface width of 1nm and on the
assumption of a cubic grain shape. The comparison of
the dependences fAm(tmil) and fif(tmil) illustrates not
only qualitative but also quantitative agreement. It al-
lows us to draw the conclusion on the amorphous phase
formation in the interfaces of the α-Fe nanostructure. In
Section 3.1. we estimated the bcc parameter of the dis-
torted structure in the interfaces of 0.2887 nm. One can
suppose that the increase of the size of the interstices
in the distorted structure in comparison with that of the
grain body of α-Fe (a = 0.2866 nm) makes the disso-
lution of C atoms in the interfaces easier under pulse
mechanical treatment. Additional distortions during C
dissolution lead to amorphization of the interfaces.

MA in the Fe-B system was studied in [25–30]
with the B content in the initial mixture from 20 to
60 at.%. In [25] it was shown that with the content of
B of 20 at.% MA was realized during one stage: Fe +
B → Fe + Am(Fe-B). At the same time the stage of the

Figure 1 Time dependences of the α-Fe grain size (a), atomic fraction
of amorphous phase ( fAm) and volume fraction of interfaces ( fif) (b)
during MA in the Fe(85)C(15) system [11].
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amorphous phase formation precedes the formation of
borides with a higher amount of B [26–30]. The given
data show considerable similarity in the type of SSRs
in the Fe-C and Fe-B systems. However, so far, detailed
investigations of the kinetics of the initial SSRs stage
in MA in the Fe-B system and its comparison with that
of the Fe-C system have not been carried out. With this
purpose in the present paper we have chosen the con-
tent of the initial mixture as Fe(85)B(15), mechanical
treatment of which was carried out under the same con-
ditions as for the Fe(85)C(15) mixture. All the changes
observed in XRD patterns and MS of the mechanically
alloyed samples Fe(85)B(15) are similar to those of the
Fe(85)C(15) samples. The fractions of Fe atoms in the
amorphous phase found from the MS depending on tmil
for Fe(85)B(15) (present work) and Fe(85)C(15) [11]
are given in Fig. 2a. In both systems the condition of
SSRs proceeding is reaching the nanostructure state in
α-Fe (Fig. 2b). However, in the Fe-C system the forma-
tion of the amorphous phase starts already at tmil = 1 h.

Figure 2 Comparative analysis of MA in Fe(85)C(15) [11] and
Fe(85)B(15) (present work) mixtures: Fe atomic fraction in amorphous
phase (a), α-Fe grain size (〈 L〉) (b), α-Fe root mean-squared strain
(〈ε2〉1/2) (c), C and B amount in segregations on the α-Fe grain bound-
aries (d).

In the Fe-B system intensive growth of the amorphous
phase amount is revealed at tmil > 4 h and the maximum
fraction of Fe atoms in it at tmil = 16 h is 30%, i.e. about
one half of that in the Fe-C system. The differences in
the MA kinetics are revealed in the rate of the grain
size decrease (Fig. 2b) and in the level of microstrains
(Fig. 2c).

What is the reason of differences in kinetics of SSRs?
Consider the kinetics of penetration and segregation of
C and B atoms in the grain boundaries of α-Fe. For this
purpose it is necessary to estimate what amount of B
and C out of initial 15 at.% is chemically bound with the
Fe atoms in the amorphous phase after MA (xB

Am and
xC

Am) and after the annealing following the MA (xB
400 and

xC
500) in borides and carbides correspondingly (the sub-

scripts indicate the annealing temperatures). The values
of xC

Am and xB
Am can be found according to the known

average values of HFMF H̄ for the amorphous Fe-C and
Fe-B alloys [24, 31] and from the known fraction of the
Fe atoms in the amorphous phase (Fig. 2a). From the
distribution functions of HFMF P(H) for the mechan-
ically alloyed samples Fe(85)C(15) and Fe(85)B(15)
the values of H̄ were calculated for the part of P(H)
function corresponding to the amorphous phase. From
[24, 31] we found the maximum values of the C and B
concentrations in the amorphous phases 25 and 20 at.%,
respectively. Then, the maximum amount of C and
B chemically bound with the Fe atoms xC

Am and xB
Am

were calculated. Further procedure was to carry out a
low-temperature annealing of the mechanically alloyed
samples during 1 h at 500◦C for the Fe(85)C(15) and at
400◦C for the Fe(85)B(15). First, it was established that
annealing at these temperatures of initial mixtures with-
out mechanical treatment does not result in formation
of any phases. Annealing of the samples after MA leads
to the formation of the Fe3C carbide in the Fe(85)C(15),
(Fe2B)′ and Fe3B borides in the Fe(85)B(15). (Fe2B)′
boride designated in [25] as x-Fe2B is a metastable
modification of the Fe2B boride [28, 32]. From the MS
of the annealed samples the fractions of the area re-
ferring to the carbide and borides were found. Then
from the stoichiometric ratios in these phases the to-
tal amount of C (xC

500) and B (xB
400) chemically bound

in the carbide and borides was calculated. The values
xC

ub = xC
500 − xC

Am and xB
ub = xB

400 − xB
Am are the amount

of the C and B atoms chemically unbounded with the
Fe atoms in α-Fe particles after MA (Fig. 2). The seg-
regations of C and B atoms are at the α-Fe boundaries
and they are the source for the amorphous phase forma-
tion in the interfaces of the α-Fe nanostructure. This is
confirmed by the given above analysis of the Am(Fe-C)
amount. From the xC

ub(tmil) and xB
ub(tmil) data presented

in Fig. 2d, it follows that the kinetics of the segregation
formation at MA of the Fe(85)C(15) and Fe(85)B(15)
systems coincides both in the time of mechanical treat-
ment and by the amount of B and C in the segregations
(∼4 at.%). Under these conditions a considerable dif-
ference found in the kinetics of the amorphous phase
formation (Fig. 2a) can be accounted for by the differ-
ence in the covalent radii and, accordingly, by a differ-
ent penetrating ability of B and C from the segregation
into the close-to-boundary distorted zones.
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3.3. Mechanical alloying of Fe-Si mixtures
Published data [4, 5, 33–38] infer that the most stable
intermetallic compound (ε-FeSi) is formed at the first
stage. Up to the concentration of 32 at.% Si [4, 5, 33],
the supersaturated solid solution (SSS) is formed at the
second stage. The process of MA in the Fe(68)Si(32)
and Fe(75)Si(25) mixtures is given in detail in [4, 5].
The quantitative analysis of the MA process in these
systems is illustrated in Fig. 3, from which it is seen that:

(i) All SSRs take place on α-Fe reaching the
nanocrystalline state;

(ii) The kinetics of SSRs is conditioned by the con-
centration of Si in the initial mixture;

(iii) The maximum Si concentration in α-Fe(Si)
SSS is realized practically simultaneously with its
formation.

The amount of the ε-FeSi phase at the first stage
of MA can be explained by its formation only in the

Figure 3 Comparative analysis of MA in Fe(68)Si(32) [4] and
Fe(75)Si(25) [5] mixtures: ε-FeSi atomic fraction (a), α-Fe(Si) atomic
fraction (b), α-Fe grain size (c) and Si concentration in α-Fe(Si) solid
solution (d).

interfaces of the nanostructure of the α-Fe particles.
Using the values of the grain sizes in α-Fe particles
〈L〉 = 5.5 nm (Fe(75)Si(25), tmil = 2 h), 〈L〉 = 6.5 nm
(Fe(68)Si(32), tmil = 4 h) and the width of the inter-
faces d = 1 nm, we obtain the volume fractions of
the interfaces fif = 30 and 20%, which agree with the
maximum amounts of the ε-FeSi phase satisfactorily.

3.4. Comparative analysis of mechanical
alloying in the Fe-M systems (M is Si,
Ge and Sn isoelectron sp-elements)

The ratio of covalent radii RM/RFe is 0.95, 1.04 and
1.21 for Si, Ge and Sn, respectively. The Fe-Si and Fe-
Ge systems have a rather extended range of equilibrium
solid solutions, meanwhile the solubility of Sn in α-Fe
is low (3.2 at.% at 600◦C). The sequence of SSRs in the
Fe-Ge and Fe-Sn systems is similar to that in the Fe-Si
system. At the first stage, FeGe2 intermetallic in the
amorphous or nanocrystalline modifications is formed
as well as FeSn2, at the second stage—supersaturated
solid solutions of Ge and Sn in α-Fe if the Ge and Sn
concentration in the initial mixtures does not exceed
32 at.% [1–3, 9, 10, 33, 38–44]. It is of interest to com-
pare the dependences of the phase amount, Si (Ge, Sn)
concentrations in SSS and structural parameters for the
given systems on the milling time in MA. Fig. 4a and
b collect the time dependences of the compounds and
SSS amount; Fig. 4c shows the α-Fe grain size depen-
dences 〈L〉(tmil). Their comparison shows that all SSRs
take place on α-Fe reaching a nanocrystalline state, a
less grain size being necessary to form SSS than to form
an intermetallic compound. For all the systems an aver-
age grain size in SSS of α-Fe(M) is 2–4 nm. In [4, 5, 9]
we showed that the amount of the intermetallic formed
at the first stage of MA can be explained by its forma-
tion in the interface regions of the nanocrystalline α-Fe.
Thus, the first stage of MA includes penetration of sp-
atoms along the grain boundaries of α-Fe, their segre-
gation at the boundaries and formation of the first Fe-M
phases in the interfaces. Formation of the Si, Ge, Sn and
Al segregation is considered in detail in Section 3.6.

The sp-element type influences the kinetics. Consider
two extreme cases—MA in the Fe-Si and Fe-Sn sys-
tems. The FeSn2 is formed and disappears fast, mean-
while the rate of the ε-FeSi formation is slower, and it is
present during the whole MA process (Fig. 4a). As for
SSS, it is also formed much faster in the Fe-Sn system
than in the Fe-Si one (Fig. 4b). However, a different
situation takes place in the saturation of solid solutions
(Fig. 4d). In the Fe-Si and Fe-Ge systems the maximum
Si(Ge) concentration reaches actually simultaneously
with the formation of the solid solution, meanwhile in
the Fe-Sn system the solid solution is saturated with Sn
gradually. Concerning saturation of solid solution with
Si, Ge and Sn one can make following supposition.

At present, two possible mechanisms of accelerated
diffusion in MA are discussed. There is interstitial dif-
fusion at the collision moment [45] and diffusion along
dislocations [46]. Taking into account the ratio of the
atomic sizes in the Fe-Si, Fe-Ge and Fe-Sn systems,
one can suppose that the accelerated diffusion in the
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Figure 4 Comparative analysis of MA in Fe(68)M(32); M = Si, Ge and
Sn systems [6]: intermetallic compound atomic fraction (a), α-Fe(M)
atomic fraction (b), α-Fe grain size (c) and M concentration in α-Fe(M)
solid solution (d).

Fe-Si and Fe-Ge systems proceeds mainly along inter-
stices, but in the Fe-Sn system dislocation transfer takes
place. Since the density of interstices is always higher
than that of dislocations, the saturation rate of the solid
solution in the Fe-Si system should be higher than in
the Fe-Sn system. However, it is known [15] that with
the grain size 〈L〉 < 10 nm there are no dislocations
in the grain bulk. We consider the dislocation transfer
as generation of dislocations at the moment of impact,
their passing through the grain body and leaving for the
boundary. Such a process can provide the penetration
of the second component (Sn) into the grain bulk of
α-Fe.

3.5. Comparative analysis of MA in the
Fe-Al and Fe-Si systems

The Al and Si atoms have the sizes close to the Fe atom:
RSi/RFe = 0.95 and RAl/RFe = 1.01. Equilibrium

phase diagrams are characterized by the extended con-
centration range of solid solutions. The most impor-
tant differences are the electron configuration of ex-
ternal shell of atoms, structure, melting temperature
and mechanical properties of pure elements. MA in
the Fe-Al system with the Al content in the initial
mixtures x from 10 to 90 at.% has been intensively
studied for the past 15 years [33, 47–67]. In most de-
tail the type and mechanisms of SSRs were investi-
gated for the mixtures with x ≥ 50 at.% Al [47–53,
55, 56] and close to the stoichiometric composition
Fe(75)Al(25) [33, 52, 54, 56, 58, 64, 67]. The anal-
ysis of the published results leads to the following
conclusions:

(i) MA takes place in the conditions on reaching
the nanostructure state (〈L〉 ≤ 10 nm);

(ii) At the first stage of MA a phase is formed, which
is revealed in the MS as a paramagnetic doublet at room
temperature [48–50, 53, 55, 58, 64, 66]. With x = 75–
80 at.% Al this phase is a final product of MA and
is in the amorphous state [47–50, 53, 59, 60]. With
x ≤ 50 at.% Al it is found in the MS. In [53, 63, 64]
it is supposed that this phase is due to the Fe diffusion
into Al. The phase contains 70–80 at.% of Al, as in
annealing it is transformed into intermetallic Fe2Al5
[51, 52, 56, 60, 61]. Further this phase will be referred
to as Am(Fe2Al5);

(iii) It is established that the formation of the SSS
α-Fe(Al) as a final product of MA takes place with
x ≤ 60 at.% Al though in a number of papers the
formation of SSS was found with x = 75 at.% Al
[55–57];

(iv) It was shown [58, 64] that the composition of
SSS from the beginning of its formation is close to that
of the initial mixture;

(v) Comparative study of the mechanisms and ki-
netics of SSRs in the Fe-Al and Fe-Si systems with
equal compositions of initial mixtures and conditions
of mechanical treatment has not been carried out
yet.

To compare the processes of MA in the Fe-Si and
Fe-Al systems in the present work the composition
Fe(68)Al(32) has been chosen. The XRD and MS data
for mechanically alloyed samples Fe(68)Al(32) on the
whole agree with the given above results of the pub-
lished papers. However, in contrast to [53, 63, 64] we
have not found any changes of the fcc lattice parame-
ter of Al, that would point to the Fe solubility in Al.
The amount of the phases formed, the α-Fe grain size
and Al concentration in SSS α-Fe(Al) calculated from
the XRD and Mössbauer data are presented in Fig. 5.
The latter was calculated according to [68, 69] from
the values of the bcc lattice parameter and average val-
ues of HFMF for α-Fe(Al) SSS. The amount of the
Am(Fe2Al5) phase can be accounted for its formation
in the α-Fe particles interfaces. Under the given values
of the undistorted part of the grain of α-Fe 〈L〉 = 7 nm
(tmil = 2 h) and d = 1 nm we obtained the volume
fraction of the interfaces fif = 23%, correlating with
the atomic fraction of this phase 29% (Fig. 5a). In Fig. 5
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Figure 5 Comparative analysis of MA in Fe(68)Si(32) [6] and
Fe(68)Al(32) (present work) mixtures: intermetallic compound atomic
fraction (a), α-Fe(Si) atomic fraction (b), α-Fe grain size (c) and Si(Al)
concentration in α-Fe(Si, Al) solid solution (d).

the data for the Fe(68)Si(32) system are also presented.
Comparing the results, we arrive at the conclusion that
with a similar character of SSRs the kinetics of the
phase formation in the Fe-Al and Fe-Si systems is sub-
stantially different. The amorphous phase Am(Fe2Al5)
forms and disappears more quickly in comparison with
the ε-FeSi phase (Fig. 5a). The rate of SSS formation
in the Fe-Al also exceeds that of the Fe-Si (Fig. 5b),
despite the fact that 〈L〉α-Fe(Al) > 〈L〉α-Fe(Si) (Fig. 5c).
However, the kinetics of saturation of the SSS with
Al and Si is practically similar (Fig. 5d), which testi-
fies to the interstitial character of the Al diffusion into
the α-Fe grain under pulse mechanical treatment. The
kinetics of the phase formation can be influenced by
both individual properties of pure materials (mechan-
ical properties, melting temperature, etc.) and atomic
characteristics of sp-elements (atomic size and config-
uration of the external electron shell). To find out the
main reason, consider the process of formation of Al,
Si, Ge and Sn segregations at the initial stage of MA.

3.6. Al, Si, Ge and Sn segregation
at the grain boundaries
of the α-Fe nanostructure

The possibility of segregation of Al, Si, Ge and Sn
atoms in the α-Fe particles in MA follows from the early
disappearance of reflections from pure sp-elements in
the XRD. Fig. 6a presents the dependences of the
amounts of pure elements Fe, Al, Si, Ge and Sn on
the milling time, obtained from XRD. The increase of
the α-Fe amount at low values of tmil points either to
sp-atoms leaving the coherent scattering regions, or to
decreasing pure sp-element due to their interaction with
the walls of the vial and balls, or due to the appearance
of the vial and balls (hardened steel) material in the
samples because of wear. In [10, 11] we showed for
the Fe(50)Ge(50) mixture that the increase of the α-Fe
amount according to the data of XRD can be explained
only by the Ge atoms leaving the coherent scattering
regions for the grain boundaries of α-Fe and their seg-
regation at them as the chemical analysis showed the
composition 50:50 in the mechanically alloyed sam-
ples, and no changes were found out in the masses
of the sample, vial and balls before and after milling.
The latter also holds for all the systems of Fe-M at
tmil ≤ 8 h. Write the amount of atoms of sp-elements
in the segregated state in the α-Fe particles, xub(tmil),
as: xub(tmil) = x(0) − [x(tmil) + xIC(tmil) + xSSS(tmil)],
where x(0) and x(tmil) are the amount of sp-elements
in the initial mixture and with the given value of tmil

Figure 6 Contents of pure Fe (closed symbols) and M (open symbols)
elements according to XRD data (a) and calculated M-element amount
(xM

ub) in segregation against milling time (dose loaded mechanical energy)
(b). M = Al (◦), Si (�), Ge (�), Sn (�).
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Figure 7 Microscopic model of mechanical alloying of Fe with sp-element (M); M = B, C, Al, Si, Ge and Sn.

according to the data of XRD, xIC(tmil) and xSSS(tmil)
are the concentrations of sp-atoms, chemically bound
with the Fe atoms in the intermetallic compound and
supersaturated solid solution, determined by both the
data of XRD and MS. The calculated values of xub for
Al, Si, Ge and Sn are given in Fig. 6b, from which it
is seen that independently of individual properties of
pure materials the kinetics of segregations formation
at tmil ≤ 2 h is similar. It means that individual char-
acteristics of sp-atoms affect the kinetics of the phase
formation. Retaining a large amount of segregated Sn
atoms at tmil = 4 h is a consequence of slow saturation
of SSS with Sn, having a large covalent radius. Taking
into account the segregation of sp-atoms at the grain
boundaries of α-Fe, we have shown in the thermody-
namic calculations the energy gain of SSS formation
when the grain size becomes lower than some critical
one [3]. Besides, the presence of segregations allows to
understand the phase formation in the interfaces of the
α-Fe particles at the first stage of MA.

4. Conclusion
Common and distinctive features of mechanical
alloying of Fe with sp-elements have been considered.
The common regularities are following: the formation
of a nanostructural state in α-Fe particles, sp-atoms
penetration along the α-Fe grain boundaries, their

segregation and the first Fe-M phase formation in the
interfaces (boundary and close-to-boundary distorted
zones) at the initial stage; the realization of any type of
SSRs only on reaching the nanocrystalline state. The
differences in the type of SSRs and their kinetics are
conditioned by the ratio of the covalent radii, external
shell electron configuration of sp-atom and sp-element
concentration (x) in the initial mixture. In alloying α-Fe
with sp-elements (Al, Si, Ge, Sn) having approximately
equal and substantially larger atomic size, intermetallic
compounds are formed in interfaces at the first stage.
At the final stage supersaturated solid solution (SSS)
is formed in the grain bulk if x ≤ 32 at.% Si (Ge, Sn)
and ≤ 60 at.% Al. In the Fe-Al (Si, Ge) systems the
sp-element concentration in SSS becomes maximum
simultaneously with the SSS formation, while in the
Fe-Sn system SSS is saturated with Sn gradually. In α-
Fe alloying with the C and B atoms of a small radius an
amorphous phase (Am(Fe-M)) is formed in interfaces
at the initial stage. The Am(Fe-B) formation is charac-
terized by a substantially slower kinetics in comparison
with that of the Am(Fe-C) one. If x > 15 at.% C(B) the
second stage—the carbide and boride formation—takes
place after amorphization. According to the results pub-
lished by other authors and obtained in our studies we
suggest the scheme of mechanical alloying of Fe with
sp-element (M), M = B, C, Al, Si, Ge and Sn shown in
Fig. 7.
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V O R O N I N A , in “Mössbauer Spectroscopy in Materials Science,”
edited by M. Miglierini and D. Petridis (Kluwer Academic Publish-
ers, The Netherlands, 1999) p. 151.

3. G . A . D O R O F E E V, E . P . Y E L S U K O V, A. L . U L Y A N O V

and G. N. K O N Y G I N , Mater. Sci. Forum 343–346 (2000)
585.

4. G . A . D O R O F E E V, A. L . U L Y A N O V, G. N. K O N Y G I N

and E . P . E L S U K O V , Phys. Met. Metallogr. 91 (2001) 47.
5. E . P . E L S U K O V, G. A. D O R O F E E V, G. N. K O N Y G I N,

V. M. F O M I N and A. V. Z A G A I N O V , ibid. 93 (2002)
93.

6. E . P . Y E L S U K O V and G. A. D O R O F E E V , Chem. Sustain.
Develop. 1 (2002) 243.

7. E . P . E L S U K O V, G. A. D O R O F E E V, V. M. F O M I N,
G. N. K O N Y G I N, A. V. Z A G A I N O V and A. N.
M A R A T K A N O V A , Phys. Met. Metallogr. 94 (2002) 43.

8. E . P . Y E L S U K O V, G. A. D O R O F E E V and V. M. F O M I N ,
J. Metastable Nanocryst. Mater. 15/16 (2003) 445.

9. E . P . E L S U K O V, G. A. D O R O F E E V, A. L . U L Y A N O V,
O. M. N E M T S O V A and V. E . P O R S E V , Phys. Met. Metallogr.
95 (2003) 60.

10. E . P . E L S U K O V, G. A. D O R O F E E V, A. L . U L Y A N O V

and A. V. Z A G A I N O V , ibid. 95 (2003) 486.
11. E . P . Y E L S U K O V, G. A. D O R O F E E V and V. V.

B O L D Y R E V , Doklady Chimii 391 (2003) 206.
12. T . T A N A K A, S . N A S U, K. N. I S H I H A R A and P . H .

S H I N G U , J. Less-Comm. Met. 171 (1991) 237.
13. C . S U R Y A N A R A Y A N A , Progr. Mater. Sci. 46 (2001) 1.
14. E . P . E L S U K O V, G. A. D O R O F E E V, A. L . U L Y A N O V,

A. V. Z A G A I N O V and A. N. M A R A T K A N O V A , Phys. Met.
Metallogr. 91 (2001) 46.

15. M. L . T R U D E A U and R. S C H U L Z , Mater. Sci. Eng. A 134
(1991) 1361.

16. Z . H O R I T A, D. J . S M I T H, M. F U R A K A W A, M.
N E M O T O, R. Z . V A L I E V and T . G. L A N G D O N , Mater.
Characteriz. 37 (1996) 285.
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20. G . L E C AË R , E . B A U E R-G R O S S E, A. P I A N E L L Y, E .
B O U Z Y and P . M A T T E A Z Z I , J. Mater. Sci. 25 (1990) 4726.

21. K . T O K U M I T Z U , Mater. Sci. Forum 235–238 (1997) 127.
22. K . T O K U M I T Z U and M. U M E M O T O , ibid. 360–362 (2001)

183.
23. V . M. N A D U T O V, V. M. G A R A M U S and J . C . R A W E R S ,

ibid. 343–346 (2000) 721.
24. E . B A U E R-G R O S S E and G. L E C AË R , Phys. Mag. B 56 (1987)
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